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The precipitation process in liquid-quenched alloys of aluminium with 3.2, 10.5 and 16.7 at%
Mg on ageing at 404, 450 and 492 K was investigated by X-ray diffraction analysis. It was
found that only '-phase precipitation occurred. During ageing, the average aluminium-matrix
lattice parameter was determined from the line position, while a measure for the lattice spacing
variations was deduced from line broadening. The f'-phase precipitation was found to occur
inhomogeneously; for one alloy, splitting of diffraction lines was observed. The (asymmetrical)
line-broadening changes observed during the ’-phase precipitation could consistently be
conceived as dominated by the inhomogeneous nature of the f’-phase precipitation process.
The (symmetrical) line broadening retained after completed precipitation was ascribed to the
volume misfit between the precipitated p’-phase particles and the aluminium-matrix. Analysis
of the aluminium-matrix lattice parameter changes with ageing time revealed that the '-phase
precipitation rate is governed by the magnesium volume diffusion.

1. Introduction

The initially high cooling/solidification rate inherent
to liquid quenching, i.e. rapid quenching from the
liquid state, can highly influence the kinetics of pre-
cipitation in aluminium base alloys. Liquid quenching
(LQ), compared to solid quenching (SQ), can result in
an increased amount of excess vacancies and an
enhanced degree of solute supersaturation. This has
been demonstrated by experiments with AlSi alloys
.

Only a few data exist about the precipitation
phenomena in LQ AlMg alloys [2], whereas the ageing
phenomena in conventionally produced SQ AlMg
alloys were the subject of several previous studies
[3-16].

In AlSi alloys, precipitation directly results in
the equilibrium phase of (practically) pure silicon,
whereas the precipitation in quenched AlMg alloys

proceeds via intermediate metastable phases. In SQ°

AlMg alloys the sequence and number of these phases
depend on the ageing temperatures applied [15, 16].
For the precipitation below 323K, the following
sequence can apply (depending on the composition of
the alloys studied)

solid solution - GP (= B8) = - (D)

where GP stands for Guinier-Preston zones, 7 is an
intermediate phase, sometimes described as an ordered
GP zone; probably having an L1, structure (Al;Mg)
[16], B’ is a semi-coherent intermediate phase with a
hexagonal unit cell (¢ = 1.002nm and ¢ = 1.636 nm
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[13]) and B is the equilibrium phase (about Al;Mg,)
having an fcc unit cell (¢ = 2.824 nm [13]) that con-
tains 1168 atoms.

The formation of the GP zones is associated with a
large change in the enthalphy [2]. Thus, the GP-zone
formation in LQ AIMg alloys can be traced by apply-
ing differential scanning calorimetry (DSC) [2]. It was
found that the GP-zone formation in an LQ AlMg
12.8 at % alloy begun after a storage of 11.5d at room
temperature, whereas in an LQ AlMg 17.2at % alloy
it started after a storage of 3d at room temperature.
On annealing with constant rates between 5 and 40K
min~', the dissolution of GP zones was completed
below 400K [2]. According to Nozato and Ishihara
[15] the dissolution temperatures of the GP and p”
zones, ranging from 330 to 360 K [15], do not strongly
depend on the magnesium content of the alloys (mag-
nesium contents between 7.5 and 12.5at %). For the
same alloys, the " solvus probably lies between 500
and 550K [15]. So, on ageing of quenched AlMg
alloys at temperatures between 400 and 500K, two
basically different initial conditions can be discerned:

(i) the alioy contains GP zones formed during ageing
at room temperature;

(i1) the alloy does not contain GP zones, because the
ageing starts immediately after the quench.

In case (ii) a direct precipitation of the f’ phase
occurs.

The present study concerns the p’-precipitation
process in LQ AlMg alloys with a magnesium content
of 3.2, 10.5 and 16.7at% by ageing at 404, 450
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and 492K after a room-temperature storage varying
between 27 and 970d. So, case (i) holds for the speci-
mens investigated (see above): a partial or a full
development of GP zones has occurred during the
room-temperature storage. However, it has been
shown for case (1) that on annealing, the GP zones
formed are always completely dissolved before any
B’-phase precipitation starts [2]. Hence, in cases (i) and
(ii) the f’-phase precipitation begins in an essentially
single-phase matrix.

As dissolution of magnesium atoms in the alumin-
jum matrix increases the aluminium-matrix lattice
parameter, the precipitation of f phase results in a
decrease of the aluminium-matrix lattice parameter.
Therefore, in this study the precipitation phenomena
in LQ AlMg alloys were traced by the determination
of the aluminium-matrix lattice parameter and its
variance as derived from the X-ray diffraction line
position and line broadening,

2. Experimental procedure

Aluminium alloys with an overall magnesium content
of 3.2, 10.5 and 16.7at % (the magnesium solid sol-
ubility at the eutectic temiperature is 18.6at % [17])
were prepared from 99.998 wt % Al and 99.99 wt %
Mg. By the melt-spinning technique, ribbons with a
thickness varying between 20 and 50 yum and a width
of about 2mm were obtained [18]. As deduced from
dendrite-arm-spacing measurements, the cooling rate
ranged from 10° to 10" K sec™! [19]. After melt spin-
ning, the ribbons were stored at room temperature for
at least 27d and for at most 970d.

The aluminium-matrix lattice parameter was meas-
ured at room temperature as function of time of ageing
in an oil bath maintained at 404 + 4, 450 + 2 or
492 + 2K. Parts cut from the ribbons were placed in
a specimen holder that was used for the ageing treat-
ment and that fitted in the Debye-Scherrer (DbS)
camera, enabling investigation of the same sample
throughout the whole ageing process. These specimen
holders were placed in a specially designed heat-treat-
ment cylinder pervious for oil, thereby protecting the
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Figure I The aluminium matrix lattice parameter, a,, as a function
of ageing time, ¢, for the LQ AlMg 10.5at % alloy at the tempera-
tures denoted.
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vulnerable specimens. The temperature within the cyl-
inder reached the temperature of the oil bath within
1 min. The aluminium-matrix lattice parameter values
were obtained from DbS photographs -~ taken with
CuKa radiation and utilizing high-angle reflections -
with a precision of 4 parts to 40000. The values
presented are valid at 298 K and were derived from the
measured values by applying the appropriate thermal
expansion coefficient [20].

The DbS photographs were also utilized to charac-
terize the X-ray diffraction line broadening: with a
densitometer the intensity on the equator of the DbS
photographs was measured as a function of the dif-
fraction angle. The Al {200} and the Al {220} line
profile shapes of the LQ AlMg10.5at % and the LQ
AlMg 16.7 at % alloys were determined, because these
reflections yielded the line profiles with sufficient
intensity at the highest possible diffraction angle. The
background was interpolated linearly between the two
extremities of the profiles obtained. The subsequent
line-profile analysis was performed using the single-
line Voigt technique [21].

3. Results
3.1. The shift of the aluminium-matrix
reflections

The aluminium matrix lattice parameter is shown as a
function of ageing time at the temperatures applied in
Figs 1 and 2. The increase of the aluminium matrix
lattice parameter occurring at the very start of ageing
(see Fig. 2; note that the experimental error is about
4 x 107° nm) can be explained quantitatively by the
annihilation of excess vacancies as discussed elsewhere
[22].

The precipitation-induced decrease of the aluminium
matrix lattice parameter occurs after an initial period
with no measurable change of this lattice parameter.
This period will be called the effective “incubation
time”. The effective incubation times for the LQ AlMg
16.7 at % alloy are shorter than those for the LQ AlMg
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Figure 2 The aluminium matrix lattice parameter, a,;, as a function
of ageing time, ¢, for the LQ AlMg 16.7 at % alloy at the tempera-
tures denoted (the values at 1 = 0 coincide).
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Figure 3 The Al {422} X-ray diffraction line profile as obtained
from the LQ AlMg 10.5at % alloy (a)} as liquid quenched and (b)
from the same alloy as aged for 4h at 500K. Line profiles were
obtained by X-ray diffractometry using specimens prepared as des-
cribed in [1] and applying CuKu radiation; smoothing was perfor-
med and the «, component was climinated.

10.5at % alloy. For both alloys, the incubation time
decreases with increasing ageing temperature.

The aluminium lattice parameter of the LQ AlMg
3.2at% alloy does not show any indication of a
precipitation-induced decrease on ageing at 404 + 4
and 450 + 2K. Apparently no precipitation has
occurred during the ageing times applied. Because the
solid solubility at 492K corresponds to the overall
composition of the alloy [17], no precipitation can be
expected in this alloy at 492K.

The DbS photographs of the LQ AlMg 16.7at %
and the LQ AlMg 10.5at % alloys obtained after 4h
ageing at 404 K and after 16 h ageing at 492 K, respec-
tively, already exhibited diffraction lines that could be
attributed to a hexagonal unit cell with an axial ratio,
c/a, of about 1.68. This corresponds fairly well with
the data given previously for the intermediate f’-
phase [13]. No indication of the presence of diffraction
lines corresponding to the equilibrium - phase was
obtained.

Remarkably, at the stage of precipitation where the
overall rate of transformation is largest (Figs 1 and 2)
the Al {422} and Al {333/51 1} line profiles from the
LQ AlMg 10.5 at % alloy show two maxima (see Fig. 3,
o, components only). This is interpreted as caused by
the simultaneous presence of regions in the Al matrix
at the beginning and at an advanced stage of mag-
nesium-solute depletion. The behaviour of the lattice
parameters calculated from the two intensity maxima
is shown in Fig. 1 as a function of ageing time. A
corresponding microstructure is shown in Fig. 4. No
such effect could be observed for the LQ AlMg
16.7 at % alloy (see Section 4.1).

The progress of the magnesium depletion of a matrix

10.5at % alloy after 4h ageing at 500K, showing abundant pre-
cipitation at grain boundaries.

can be characterized (in the absence of macrostrains)
by a precipitation/transformation parameter, 1-X,,
defined by

| -y — r) — ¢e(e0) ~ an (1) — ax(o0)
' c©) — c(0)  apn0) — ay(wo)

where ¢(0), c(f), c(o0) are the magnesium concentra-
tions in the aluminium matrix and a,(0), a, (2,
ayy (00} are the aluminium matrix lattice parameters at
the start of ageing, after an ageing time, ¢, and in
equilibrium, respectively. The equation ¢ = dx/(a,,),
with x as the atomic fraction of magnesium in solid
solution relates the magnesium concentration, ¢, to
the aluminium matrix lattice parameter, a,,. Litera-
ture data have been used for the relation between x
and ay, [23-26] and for the equilibrium solid solubil-
ities [17, 27]. In Figs 5 and 6, as derived from the
intensity maxima observed for the aluminium matrix,
I — X, is shown as a function of ageing time at the
temperatures indicated.

The equilibrium solid solubilities at the ageing tem-
peratures applied, x{c0), correspond, within experi-
mental error, to the values of x as derived from the
values of the aluminium matrix lattice parameter
measured after the largest ageing times at each tem-
perature. This indicates a completed precipitation.

)

3.2. The broadening of the aluminium matrix
reflections

X-ray diffraction line profiles are generally broadened
by instrumental aberrations, the wavelength distri-
bution and structural imperfections. The broadening
by the instrumental aberrations and by the wavelength
distribution can be determined by measuring corre-
sponding line profiles from reference specimens. The
reference specimen employed consisted of pure silicon
powder (NBS SRM 640 (sce [28]); 114 h annealed at
1473K in an argon atmosphere). The breadth par-
ameters characterizing the broadening of aluminium
matrix reflections by instrumental aberrations and by
the wavelength distribution were obtained by inter-
polation of data from, suitably chosen, measured line
profiles of the reference specimen.
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Figure 5 The fractional lattice-spacing variation o,
. 1~ 105at% Mg in conjunction with the precipitation parameter |-
X, as a function of ageing time, ¢, for the LQ AlMg
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The line profile analysis was performed using the
single-line Voigt method [21]. It is often assumed
that the Gaussian component of the structurally
broadened profile is dominated by lattice distortions,
i.e. lattice-spacing variations and that the Cauchy
component is mainly due to small domain sizes. It was
found that the structurally broadened profile was

tural line broadening was interpreted as caused by
lattice-spacing variations.

A parameter characterizing the width of the lattice
spacing distribution can be obtained from the integral
breadth, B, of the h k[ reflection after correction for
instrumental aberrations, etc., as follows [21]

nearly of Gaussian shape. Therefore, the total struc-
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Figure 6 The fractional lattice-spacing variation o,
and the ratio of the low-angle half-width, w, and
the high-angle half-width, w,, of the Al {220} line
profile, w, /w,, in conjunction with the precipitation
parameter 1-X,, as a function of ageing time, 1, for
the LQ AlMg 16.7at % alloy at the temperatures
denoted.



where 6 is the Bragg angle. Values of the fractional
lattice-spacing variation, o4, are shown in Figs 5 and
6 as a function of ageing time. Note, that the line
broadening was measured for low-angle Bragg reflec-
tions where the instrumental resolution was insuf-
ficient to show doubly peaked reflections discussed for
the LQ AlMg 10.5at % alloy (high-angle reflections
were of too low an intensity to allow accurate profile-
shape determination, see Section 2, from DbS photo-
graphs). For the same times of ageing, the differences
between o4 values derived from the Al {200} and the
Al{220} reflections are generally insignificant in view
of the experimental inaccuracies. So, averaged data of
a4 only will be considered. The following observations
can be made.

(i) For both alloys, o, remains constant during the
effective incubation time; at the moment that the pre-
cipitation parameter 1 — X, decreases, o, increases.

(it) For the LQ AlIMg 10.5at % alloy, o4 reaches a
maximum at times where for | — X, a high and a low
value are observed simultaneously; for the LQ AlMg
16.7 at % alloy, o, reaches a maximum at times where
the transformation proceeds fastest, i.e. for I — X, >~ 0.5,

(iii) The maxima of a4 are higher for the LQ AlMg
16.7 at % alloy than for the LQ AlMg 10.5at % alloy.

(iv) On prolonged ageing, o, decreases until an
approximately constant non-zero value is reached
(see, in particular, the data for the LQ AlMg 16.7at %
alloy).

4. Discussion

4.1. Non-uniform precipitation

The observation of a pronounced line broadening,
in association with the appearance of two intensity
maxima in line profiles recorded from the LQ AlMg
10.5 at % alloy, is ascribed to the occurrence of signifi-
cant compositional differences in the aluminium
matrix during the transformation: the precipitation
process takes place in a non-uniform manner (for
detailed discussion of the line broadening, see Section
4.2.). In the past it was suggested that discontinuous
precipitation (for terminology used, see the review
given by Williams and Butler [29]), initiating hetero-
geneously at grain boundaries, could explain the
appearance of two values for the aluminium-matrix
lattice parameter [4, 5]; however, no microscopical
evidence was presented. Instead, more recent trans-
mission [10] and present transmission and scanning
electron microscopy did not yield indications for the
lamellar microstructure typifying the discontinuous
precipitation reaction. However, the analysis of micro-
structure did reveal that abundant grain-boundary
precipitation takes place in conjunction with pre-
cipitation in the bulk of the grains (see Fig. 4). Thus,
it can be suggested that the difference in kinetics of
grain-boundary and bulk precipitation leads to simul-
taneous occurrence of extended aiuminium matrix
regions adjacent to grain boundaries poor in mag-
nesium solute and aluminium matrix regions in the
bulk of the grains still rich in magnesium solute.
Because the diffracted intensity is proportional to
volume and the diffraction angle is related to compo-
sition (via the lattice spacing), the distribution of the

intensity over the diffraction angle can be doubly
peaked, as is seen in Fig. 3.

In a specimen, the bulk and the grain-boundary
precipitation processes compete. If a high super-
saturation of the aluminium matrix occurs, the bulk
precipitation will dominate. Then a simultaneous
occurrence of grain-boundary precipitation will not
necessarily reveal itself by a distinct presence of a
double aluminium matrix reflection, i.e. a single maxi-
mum occurs in the distribution of the intensity over
the diffraction angle. This description apparently
applies to the LQ AlMg 16.7 at % alloy, which has an
initial solute supersaturation in the aluminium matrix
much larger than the LQ AlIMg 10.5at % alloy.

An alternative explanation for the occurrence of
additional diffraction maxima, especially at high
Bragg angles, has been proposed by Gitgarts and
Komarava [30]: elastic strains produced by the pre-
cipitation process “‘weaken the regular reflections and
spread out the distribution of diffuse scattering”
which would lead to complicated, multiply peaked
total line profiles by superposition of the weakened
normal and the diffuse scattering intensity distri-
butions. With regard to this explanation the following
remarks can be made.

1. In the present investigation, a doubly peaked
reflection was only observed for the LQ AlMg 10.5at
% alloy during a very limited range of time where the
overall change of 1 — X, is half-way. For all other
ageing times applied singly peaked reflections were
observed.

2. For the ageing temperatures applied in [30] (com-
parable to those of this study) the doubly peaked
reflections as observed here (the Al {422} and the Al
{333/511} CuKa profiles) cannot be detected in
Fig. 1 of [30], possibly due to a relatively low angular
resolution pertinent to the data given by those authors.

3. According to Gitgarts and Komarava [30], relax-
ation of the clastic strains would occur during pro-
longed ageing, implying a negligible line broadening
remaining at the end of the ageing treatment. How-
ever, in this study a distinct line broadening is observed
at the end of the ageing treatment, especially for the
LQ AlMg 16.7at % alloy {(cf. Fig. 6). This remaining
line broadening can be attributed to the elastic micro-
strains due to the misfit between the f’-phase pre-
cipitates and the aluminium matrix (see Section 4.2.).

In this paper it is thought that non-uniform pre-
cipitation explains the double maxima for aluminium
matrix reflections observed during ageing of the LQ
AlMg 10.5at % alloy.

4.2. Line broadening during precipitation
Misfitting precipitates and compositional variations
change lattice spacings. With respect to line broaden-
ing, two types of lattice-spacing variations can be
distinguished:

(i) lattice-spacings variations within a coherently
diffracting domain;

(ii) lattice-spacing differences between coherently
diffracting domains.

Non-uniform precipitation is related to the occur-
rence of extended regions (domains) with different

3783



average compositions and implies line broadening
from origin (ii) mainly.

The line broadening related to non-uniform precipi-
tation would reach its maximum when in one half of
the specimen the precipitation has just been completed
and in the other half no precipitation has occurred at
all. Indeed, the maximal line broadening is observed at
about half-way the overall change of 1 — X,.

The presence of line broadening of origin (ii) is also
confirmed by the behaviour of w, /w, on ageing, where
w, and w, represent the low-angle and the high-angle
half-widths of an X-ray diffraction line profile. In
early stages of the precipitation process, magnesium
solute-depleted regions of the matrix with a relatively
small aluminium matrix lattice parameter are in the
minority, implying for line broadening from origin (ii)
a value of w,/w, < 1, i.e. the line profile shows a
high-angle tail. In later stages, a minor amount of the
aluminium matrix is still rich in magnesium-solute
atoms, implying for line broadening from origin (i) a
value of w, /w, > 1, i.e. the line profile shows a low-
angle tail. Such asymmetries can be pronounced in
particular in the case of non-uniform precipitation.
The ratio w, /w, for the Al {220} reflection is plotted
in Fig. 6 as a function of ageing time. It is observed
that from the moment that precipitation becomes eff-
ective, the behaviour of the ratio w, /w, corresponds to
the foregoing discussion.

It should be noted that line broadening due to
origin (i) will also be present during precipitation
because of microstrains caused by the volume misfit
between the precipitated semi-coherent ff'-phase [13]
and the aluminium matrix.

After liquid quenching, quenched-in stresses as well
as compositional variations due to differences in sol-
idification rates, e.g. between wheel- and upper sides
of the ribbons, can occur [1, 31]. Hence, during the
effective incubation time the observed line broadening
is ascribed to such phenomena and thus can stem from
origins (i) and (ii).

The maximum line broadening for the LQ AlMg
16.7at% alloy is larger than for the LQ AlMg
10.5 at % alloy. This can be understood by consider-
ing the amount of " phase to be precipitated: this
amount is larger in the LQ AlMg 16.7 at % alloy than
in the LQ AlMg 10.5 at % alloy; the volume-averaged
misfit strains and compositional variations are larger
in the LQ AlMg 16.7 at % alloy than in the LQ AlMg
10.5at % alloy.

After completed precipitation all compositional
variations have disappeared. Thereby, an important
cause for asymmetry in the line profiles has been
removed. The remaining line broadening is solely
caused by the volume misfit between the f’-phase
particles and the aluminium matrix, which appears to
be associated with symmetrical line broadening with
w,/w, = 1 (see Fig. 6). Obviously, this remaining line
broadening will be larger for the LQ AlMg 16.7 at %
alloy than for the LQ AlMg 10.5at % alloy (Figs 5
and 6).

4.3. f’-phase precipitation kinetics
By DSC analyses it was shown [2], that the GP/f”
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zones were dissolved well below 400 K (see also Sec-
tion 1), amply before any i precipitation was detec-
ted. Because the ageing temperatures applied in this
study lie between 400 and 500K, it is assumed that a
complete dissolution of the GP/f” zones has occurred
at the very start of the ageing treatment. Therefore,
the effective incubation time for the f’ precipitation,
as indicated by the start of the decrease of the alu-
minium-matrix lattice parameter and by the increase
of the line broadening, cannot be ascribed to GP/S”
dissolution.

In early stages of phase transformations the reac-
tion rate can be controlled by two different activation
energies, one for the formation of (critical) nuclei and
the other for their subsequent growth [32]. In very
many reactions the activation energy for nucleation
decreases more than linearly with temperature, leading
to a very rapid nucleation rate at large undercoolings,
whereas the activation energy of growth is nearly
independent of temperature [32]. Therefore, at suf-
ficiently low temperatures the nucleation rate is so
large, that the nucleation sites saturate very early in
the reaction. Then, the activation energy for growth
controls the overall reaction rate. It is suggested that
this picture applies to the precipitation experiments of
this study (maximal ageing temperature of 492K).
Consequently, the so-called effective incubation time
is interpreted as a stage of such a low transformation
rate that no measurable change of the aluminium
matrix lattice parameter occurs (for example, Avrami
kinetics with an Avrami exponent larger than 1 corres-
pond to such a situation).

The stage of the precipitation process is charac-
terized by the state variable k7, where ¢ = the pre-
cipitation time and k = kyexp — E/kg T, with k, the
pre-exponential factor, k; Boltzmann’s constant, 7T
the ageing temperature and E the effective activation
energy.

Supposing that after the effective incubation time,
t;, the same stage of the precipitation process has been
reached, the activation energy during the time ¢, can be
deduced from the slope of the straight line obtained
by plotting In # (determined by the time until
1 — X, = 0.998) against 1/7,. For both alloys it is
thus found to be (Fig. 7) E = 0.7¢V.

Growth of the p’-phase particles can occur via the
migration of the substitutionally dissolved magnesium
atoms through the aluminium matrix according to the
vacancy mechanism. In the absence of excess vacan-
cies, this transport of magnesium atoms will occur
with an activation energy equal to about the sum of
the migration and formation energies of a vacancy:
~ 1.3eV [33]. The value found for the apparent acti-
vation energy is significantly smaller thanl.3eV. This
hints at the presence of excess vacancies retained after
liquid quenching which effectively reduces the contri-
bution of the vacancy-formation energy.

On liquid quenching, the predominant part of the
excess vacancies will be gathered into vacancy loops
[34--37]. At elevated temperatures (from 375 to 500 K)
the excess vacancies collapsed into loops on liquid
quenching are “reanimated” [37]: the vacancy loops
emit vacancies assisting the f’ precipitation. It is noted
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Figure 7 The value of the natural logarithm of the effective incu-
bation time, £, (taken as the time until I-X, = 0.998) as a function
of the reciprocal ageing temperature 1/7, for the LQ AlMg alloys
denoted.

that the same mechanism was adopted to explain the

relatively low values of the activation energies for

dissolution of GP zones in AIMg alloys [2] and for the
precipitation of silicon in AlSi alloys [1].

5. Conclusions

1. In quenched AIMg alloys, non-uniform precipi-
tation occurs: bulk and grain-boundary precipitation
proceed at different rates.

2. The appearance of doubly peaked X-ray diffrac-
tion line profiles in association with pronounced,
distinctly asymmetrical, line broadening is largely
ascribed to appreciable compositional variations
inherent to the non-uniform precipitation process.

3. The residual line broadening observed after the
precipitation in the LQ AlMg alloys has been com-
pleted is caused by the elastic accommodation of the
volume misfit between the f'-phase particles and the
aluminium matrix.

4. The activation energy found for the initial f’-
phase precipitation suggests strongly, that the kinetics
of the p’-phase precipitation are governed by the
growth of the precipitate particles via excess-vacancy
enhanced volume diffusion of magnesium atoms.
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